


120 um. Compression specimens 9 mm in diameter and
11 mm high were machined from the alloy ingot. The
samples were deformed in compression at constant
crosshead speed using a Scheck RMS-100 testing ma-
chine. Tests were carried out over the temperature
range 250-500 °C in 50 °C increments at an initial
strain rate in the range from 1.5x107% s—! up to
3x 1072 s~ ! At an initial strain rate of 3 x 104 s~ !,
tests were performed every 25 °C.

For surface examination, specimens were mechani-
cally polished and covered by boric acid to prevent
oxidation. The specimens were then strained to ¢=0.16
at strain rates of 3 x 10~ *and 3 x 1072 s~ ' at 250 and
500 °C. A SEM JSM-840 was used to observe the
surface features. Samples were also examined in a
transmission electron microscope (TEM). For these
examinations, samples were cut from the gauge section
of deformed specimens and thinned to about 0.25 mm.
Discs with 3 mm diameter were cut and electropolished
to perforation with a Tenupol-3 twinjet polishing unit
using a 20% nitric acid solution in methanol at —
38 °C and 20 V. The thin foils were examined using a
JEOL-2000EX TEM with a double-tilt stage at an
accelerating potential of 160 kV. The lattice dislocation
density was determined by the number of dislocation
intersections with the foil surface, as well as by a
line-intercept method [10].

3. Results
3.1. The shape of o—e curves

Typical true stress—true strain curves in the tempera-
ture range 250-500 °C at a fixed strain rate of 3 x

10-% s~ ! (Fig. la) and at fixed temperatures of 250,
400 and 500 °C and two different initial strain rates

Fig. 1. True stress—true strain curves for the 2219 Al alloy tested: (a) at an initial strain rate of 3 x 104 s

100

(7.5 x 1072 and 3 x 1072 s~ 1) (Fig. 1b) are presented
in Fig. 1. Almost all curves exhibit a well-defined steady
state. Minor strain hardening during plastic deforma-
tion takes place at 7=250 °C and é=3x 10~* s~ ".

3.2. The variation of steady-state stress with strain rate

Fig. 2a shows the variation of strain rate with flow
stress plotted on logarithmic axes. The experimental
data in the plot can be represented accurately by
straight lines. The results demonstrate that a power-law
equation [11] appears valid from 250 to 500 °C:

é=4A <g>”exp< ;?)

where ¢ is the strain rate, 4 is a constant, » is the stress
exponent, ¢ is steady state flow stress, G is the shear
modulus, Q is the activation energy for plastic deforma-
tion, R is the gas constant and T is the absolute
temperature. The slope of the lines provides the stress
exponent n. The values of n are indicated on the figure.
The stress exponent decreases from n ~ 16 at the lowest
temperature of 250 °C to n ~ 6.8 at the highest temper-
ature of 500 °C. In the temperature range 250-350 °C,
the values of the stress exponent vary from 9 to 16 and
are higher than the highest value of the stress exponent
n of 8 typically reported for the power law behaviour
[1,12,13]. These high stress exponents suggest that the
deformation behavior of the 2219 aluminum alloy can
be described in terms of the exponential relation [11,14]:
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where B is a constant and f is a coefficient. In order to
check the validity of Eq. (2), the results were analyzed
on a semi-logarithmic plot as shown in Fig. 2b. No
satisfactory linear fit is observed even in the tempera-
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Fig. 8. Plot of ¢ against ¢ for the 2219 Al alloy at T'= 300 °C.

Table 1
Threshold stress at different temperatures

T (°C) 250 300 350 400 450 500
n 6 6 6 6 6 5
o1 (MPa) 34.6 17.1 9.2 5.2 3.3 2.7
-5
ok Q,=35 kJ/mol

sl s
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1.2 1.4 1.6 1.8 2.0
1000/T, K!

Fig. 9. Plot of the logarithmic of the normalized threshold stress
versus reciprocal absolute temperature.

stress [21,22]. Thus, it can be assumed that the defor-
mation behavior of the 2219 Al alloy cannot be de-
scribed by a single expression of the form given by Eq.
(1) but is described more realistically by an equation
accounting for the threshold stress [6—8,20]:

" 0 — O ! — Qc
L—A(—G ) exp( RT ), (6)

where oy, is threshold stress, o — oy, is an effective
stress driving the deformation observed and Q. is a
‘true’ activation energy for plastic deformation.

4.1. Estimation of threshold stresses

A standard procedure was used to determine the
threshold stress [6—8,20]. The experimental data at a
single temperature were plotted as &' against the
steady state flow stress o on a double-linear scale for all

temperatures examined. Notably, for the two tempera-
tures 250 and 300 °C, the high-strain rate data points
lying above the Sherby—Burke criterion [23]:

L 103, m—?2 (7
D, ’

where D, is the lattice self-diffusion coefficient calcu-
lated as [8]:

(®)

— 1434 x 10°
D, =186 x 104exp<—x>, m2s—!

RT

were discarded and only data lying below this theoreti-
cal limit were included in the analysis. These data in the
strain rate interval were best fitted to a straight line by
varying the » values. The n value exhibiting the highest
regression coefficient in a linear fit was taken as the true
stress exponent value. The intercept on the stress axis
yields the o, value, which, in principle, is independent
of the applied stress. Fig. 8 shows a typical plot &'”
versus ¢ at T=300 °C for n=3, 6, 8, respectively.
Inspection of Fig. 8 indicates that the stress exponent of
6 yields the best linear fit between &' and ¢ for n=3
and 8, the data of the plots exhibit clear concavity and
convexity, respectively.

Values of threshold stress obtained and the true
stress exponent, n, are summarized in Table 1 as a
function of testing temperature. Inspection of Table 1
shows that a stress exponent of 6 yields the best linear
fit between ¢ and o in the temperature range 250—
450 °C. At T=1500 °C, the stress exponent n =5 is the
true stress exponent. The values of threshold stress can
be as much as 75% of the value of the applied stress at
T=250 °C and the lowest strain rate examined and
tends to decrease with increasing temperature to 10% at
T=500 °C. Notably, the values of threshold stress
obtained are at least two times lower than that reported
in [1] for an Al-6%Cu-0.6% Mg alloy additionally
alloyed with 1.8%Mn, 0.1%Cr, 0.4%Ag, 0.4%Zr, 0.2%V
and 0.25%Ti at T=250 °C and lower in comparison
with data for an AI-5%Cr-2%Zr alloy by factors of
1.5-4 at similar temperatures [9]. The threshold stresses
obtained are essentially similar to those reported for the
2124, 6061 and 2024 aluminum alloys produced by
powder metallurgy techniques [6,7,20] in the tempera-
ture interval 350-400 °C.

Fig. 9 shows the temperature dependence of the
modulus-normalized threshold stress. The data follow
the equation [7,8,20]:

% e ). ©

where B, is a constant and Q, is an energy term
representing the activation energy for a dislocation to
overcome an obstacle. The value of Q, calculated from
the slope of the plot in the temperature range 250-
450 °C in Fig. 9 is 35 kJ mol ~ ! This value is slightly



higher than the energy reported for 2124 (27.5 kJ
mol 1) [20], 6061 (19.3 kJ mol~') [6] and 2024 (23
kJ mol~") [7] aluminum alloys produced via powder
metallurgy techniques. Although there is only one
data point above 450 °C, @, seems to decrease with
increasing temperature.

4.2. Activation energy

To determine the activation energy for deforma-
tion, the normalized effective stresses ((¢ — o,,,)/G) are
plotted as a function of 1/T on a semi-logarithmic
scale at a fixed strain rate (Fig. 10a) [15]. The data
can be divided into two temperature intervals (250—
450 and 450-500 °C) that are distinguished by the
slope k. In these temperature intervals, k is ~ 1.9 and
~ 3.4, respectively. The slope in Fig. 10a shows a
very small strain rate dependence, which supports the
validity of the threshold stress values determined.

Values of true activation energy (Q.) for plastic de-
formation were computed assuming that Eq. (6) ade-
quately describes the deformation behavior of the
2219 Al alloy. Results are shown in Fig. 10b. It is
seen that depending on strain rate, Q.=90+7 kJ
mol ~! was measured in the temperature range T =
250-450 °C. The average value of Q. is close to that
for pipe diffusion in Al (82 kJ mol™") [18]. At T=
500 °C, Q.= 143415 kJ mol~' is similar to the acti-
vation energy for self-diffusion in Al (143.4 kJ
mol ~ ') [18]. Thus, the incorporation of a threshold
stress in the activation energy analysis provides realis-
tic values for the true activation energy at T <
400 °C.
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4.3. An examination of normalized deformation data

Fig. 11a shows a double logarithmic plot of the
normalized strain rate, ékT/D.Gb, versus the normal-
ized effective stress, (¢ — o,,)/G for the 2219 aluminum
alloy. The Burgers vector was taken as b =2.86 x
10~ m and an effective diffusion coefficient [13,24,25]
was used:

Deff =f1 Dl +fpdeds

where Dy and D, are the lattice self-diffusion and the
pipe-diffusion coefficients, and f; and f,, are the frac-
tions of atoms participating in lattice and pipe diffu-
sion, respectively. The lattice diffusion coefficient was
taken from Eq. (8). The value of f; was assumed to be
1. The term associated with the contribution of pipe-
diffusion to the total diffusion process was determined
for pure Al according to data presented in [24] as:

2
a. g\~
fpded = 10<ﬁ> X <5> Dpd,

—82x 103
a.D,q=7.0x 10" 25exp<R7;>, mds !

(10)

(11)

(12)

where «,_ is the area of cross-section of the dislocation
core.

It is seen from Fig. 11a, that there are two different
intervals for plastic deformation of the 2219 Al alloy.
At ékT/(DGb) < 10~ ", there is a well-defined power-
law relationship with a stress exponent, n = 5. Analysis
by previous authors [11-13,16] has shown that if # is in
the range from 3 to 5 and Q. is equal to Q,, then the
most probable rate-controlling mechanism for creep is
the climb of edge dislocations. In this case, the creep
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Fig. 10. (a) Shear modulus compensated effective stress versus inverse absolute temperature; (b) temperature dependence of the true activation

energy, Q..
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Fig. 11. Normalized strain rate versus normalized stress for the 2219 aluminum alloy. (a) Effective diffusion coefficient, Dy, was used for strain
rate normalization; (b) lattice diffusion coefficient, D, was used for strain rate normalization.

deformation is controlled by lattice diffusion. There-
fore, based on the relative agreement of the measured
and anticipated values of n and Q., a high-temperature
dislocation climb mechanism can be expected to control
the creep behavior of Al 2219 alloy at & T/(D.Gb) <
10~ ', This temperature/strain rate range is a region
for true hot deformation of the 2219 aluminum alloy
(typically observed at "> 475 °C) where extensive dis-
location rearrangements by climb take place. As a
result, the formation of a subgrain structure after small
strain and high uniformity of dislocation glide are
observed in this temperature range. For values of ékT/
(D.Gb) above 10!, the slope of the straight line on
the ékT/(D.Gb) versus (g — a4,)/G plot is equal to 7.

An inspection of the normalized deformation data
shows that a classic transition from high temperature
climb (controlled by vacancy diffusion through the
lattice) to low temperature climb (controlled by va-
cancy diffusion along dislocation cores) takes place.
This transition results in an increase in the stress expo-
nent from n=5 to 7 in accordance with the rule
n=n+2 [11-13,16,17]. Concurrently, a decrease in
true activation energy for plastic deformation from
0. = 0, to Q.= Q4 takes place. This change is clearly
indicative of the transition from high temperature
climb, controlled by lattice diffusion to low temperature
climb with decreasing temperature [11,17,25]. This tran-
sition results in a significant decrease in the rate of
dislocation climb and restricts the ability of lattice
dislocations to rearrange. As a result, no well-defined

low angle boundaries are formed after a true strain of
0.36. In addition, a localization of dislocation glide
occurs in spite of the fact that the cross-slip plays an
important role in dislocation rearrangement in all tem-
perature ranges examined. Therefore, this transition can
be considered as the incipient point for progressive
transition from hot deformation to warm deformation.
Notably, the upper bound for the region of low temper-
ature climb is defined by the Sherby—Burke criterion
[ékT/(DGb) ~ 10~8], which according to [23] is a crite-
rion for the breakdown of the power law. However, no
breakdown is observed at this value of the normalized
strain rate in the 2219 alloy.

For comparison, a plot of the normalized strain rate,
&k T|D,Gb, against the normalized effective stress, (o —
ow)/ G, is depicted in Fig. 11b, which shows that the use
of the lattice diffusion coefficient, D, for strain rate
normalization results in a decrease in values of the
stress exponent, n. Data obtained for 7'=500 and
475 °C can be fitted with high accuracy by a straight
line with a slope of 4.5. The data points for lower
temperatures can be approximated by a straight line
with slope close to 6. In addition, the point of transi-
tion from n =4.5 to 6 is located at a higher normalized
strain rate than in Fig. 11a. This may be due to the fact
that the low temperature dislocation climb plays an
important role in plastic deformation of the 2219 alloy
even at high temperatures.

The transition from hot deformation to warm defor-
mation in the 2219 Al initiates at a normalized effective






Incoherent nanoscale dispersoids in the 2219 Al alloy
attractively interact with mobile dislocations. An exten-
sive detachment of lattice dislocation from the particles
takes place during deformation. This process is respon-
sible for the threshold behavior of the 2219 alloy.
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